Ferritic-martensitic steels such as T91 and NF616 are candidate materials for several nuclear applications. This study evaluates radiation resistance of T91 and NF616 by examining their microstructural evolutions and hardening after the samples were irradiated in the Advanced Test Reactor to~4.3 displacements per atom (dpa) at an as-run temperature of 469 C. In general, this irradiation did not result in significant difference in the radiation-induced microstructures between the two steels. Compared to NF616, T91 had a higher number density of dislocation loops and a lower level of radiation-induced segregation, together with a slightly higher radiation-hardening. Unlike dislocation loops developed in both steels, radiationinduced cavities were only observed in T91 but remained small with sub-10 nm sizes. Other than the relatively stable M 23 C 6 , a new phase (likely Sigma phase) was observed in T91 and radiation-enhanced MX / Z phase transformation was identified in NF616. Laves phase was not observed in the samples.
Introduction
High chromium (7e12 weight percentage, wt%) ferriticmartensitic (FM) steels are currently a candidate material class for current and advanced nuclear power production applications because of their general advantages over austenitic stainless steels, e.g., outstanding resistance to radiation-induced void/cavity swelling, higher thermal conductivity, and lower thermal expansion coefficients [1, 2] . Extensive studies, including fundamental theories, have demonstrated these advantages are primarily inherited from the body-centered cubic structure of FM steels compared to the face-centered cubic structure of austenitic stainless steels [3] . Within the FM steel material class, 9Cr (in wt%) FM steels have received more attention as the result of the lowest radiation-induced ductile-brittle transition temperature (DBTT) shift [4] over other Cr variants. T91 (9Cr-1MoVNb) and NF616 (9Cr-1.8W0.5MoVNb) are the second and third generation of 9Cr FM steels, respectively, which have nominal 10 5 h creep rupture strength of 100 and 130 MPa at 600 C [5] . Compared to many applications of T91 in some types of reactors, the use of NF616 is being considered recently because of its greater strength, which tends to provide greater safety margins, design flexibility and economics of reactor components. A number of neutron irradiation studies have been conducted on T91, primarily at~295e325 C for up to~78 displacements per atom (dpa), which reported comprehensive reviews of radiationresulted microstructural evolutions (radiation-induced defects, phase stability and cavities/swelling) and property changes (radiation hardening and toughness degradation) [6e9] . However, neutron irradiation data are scarce for NF616 [9, 10] . A few proton irradiation data for T91 and NF616 were reported recently [11e13] as well in-situ irradations on NF616 [14] , which will be compared to the neutron-irradiated results from this work. This paper reports microstructure observations and hardness measurements of T91 and NF616 with planned neutron irradiations to 3 dpa at 500 C. Irradiation of both alloys to the same power history and temperature provides a direct comparison of their radiation resistance.
Experimental
The tested T91 and NF616 were products of Nippon Steel with the measured compositions and product normalization and tempering heat treatments listed in Table 1 . Samples of T91 and NF616 were part of the University of Wisconsin pilot neutron irradiation project using the Advanced Test Reactor East Flux Trap with a flux of~5.6 Â 10 14 n/cm 2 /s (E > 0.1 MeV), approximately corresponding to a dose rate of~1.6 Â 10 À7 dpa/s and a fluence of 1.5 Â 10 22 n/cm 2 [15] . Disc samples in a size of 3 mm diameter with~0.2 mm thickness were irradiated to 4.36 and 4.28 dpa for T91 and NF616, respectively, at an as-run temperature of 469 C. The irradiated and archived unirradiated samples were mechanically ground and polished to a mirror finish with colloidal silica. An Agilent Nano Indenter G200 with a Berkovich indenter tip was used for hardness measurements at room temperature. A matrix of 8 Â 10 indentations was conducted on each sample to yield good statistical indentation results. The microstructures of the samples were characterized using transmission electron microscopy (TEM) in both conventional and scanning modes (CTEM and STEM) using a FEI CM200 field-emission gun (FEG) at 200 kV, together with energy-dispersive x-ray spectroscopy (EDS) for chemical analysis. STEM-EDS line scan was conducted, using 1.5 nm incident probe size with~1 nA probe current, to obtain elemental segregation at boundaries tilted to the edge-on condition. Elemental quantification was completed using the CliffLorimer method assuming a normalized alloy composition of the detected elements from the matrix. TEM specimens were prepared using focused ion beam (FIB: FEI Quanta 3D dual beam). Two FIB lamellae were prepared from each steel. A low voltage (e.g., 2 keV) ion-beam cleaning process was applied to the specimens as a final step to mitigate FIB-induced artifacts. The local TEM specimen thickness was estimated using the convergent beam electron diffraction method.
Results and discussion
The overall microstructures of the irradiated T91 and NF616 are shown in the bright-field (BF) TEM images of Fig. 1a and b, respectively, with the dark blocks near [001] zone axis. The tempered martensitic microstructure with varying orientated packet and block constituents and high densities of tangled dislocations in the two steels does not have noticeable distinction. It is believed that the overall tempered martensitic microstructure was developed from the steelmaking and heat treatment processes of the steels. Referring to the schematic sketch of a tempered martensitic microstructure, being composed of packets and blocks of laths within prior-austenite grains, together with different precipitates formed at a variety of boundaries and matrix, the FIB lamellae studied in this work only contained one or two packet boundaries without capturing prior-austenite grain boundaries (PAGBs). The white dash-dot line overlaid on Fig. 1a and b schematically shows a packet boundary on each FIB lamella. The NF616 alloy appeared to have better organized packets with distinct blocks of laths than T91 in the examined FIB lamellae. Fig. 1a shows an example of T91 with indefinite blocks of laths in the right packet compared to the noticeable blocks of laths approximately parallel to the packet boundary in the upper-right packet of NF616 in Fig. 1b . A larger number of precipitates were observed at the packet and block/lath boundaries of NF616 in Fig. 1b compared to T91 in Fig. 1a. 
Dislocation loops
Radiation-induced dislocation loops were revealed at higher magnifications. Fig. 2aeb shows the typical dislocation loops developed in the irradiated T91 and NF616, imaged in the g {200} two-beam excitation condition near the <100> zone axis. Unlike the all visible four variants of ½<111> dislocation loops, only one of the three variants of <100> loops are visible under the imaging condition according to the g,b ¼ 0 criteria [16] . Primarily <100> loops, together with a few ½<111> loops pointed with red arrows in Fig. 2aeb , were developed in the samples. Examples of a few <100> loops in large or small sizes and indistinct contrast are pointed with white arrows. Unlike the [100] loops in a coffee-bean strain contrast in Fig. 2a , the [010] loops in Fig. 2b exhibit a sharp lineshape. The thicker NF616 specimen thickness, characterized by the convergent-beam electron diffraction method, may have impeded the strain contrast. The statistically analyzed size distribution of the loops in the two steels is plotted in Fig. 2c . The data were fitted with an extreme function of y ¼ y 0 þ A exp{Àexp[À(x ex c )/w] e (x e x c )/w þ1}, where y 0 is profile offset and x c , w, and A are peak center, width, and amplitude, respectively. The fitting results were reasonably good with adjusted R 2 of 0.98 and 0.96 for the T91 and NF616, respectively. The size (d) distribution plot indicates that NF616 has a smaller amplitude (frequency) with generally larger loop sizes than T91. Considering the invisible variants of <100> loops under this imaging condition, the number density (N) of the <100> and ½<111> loops was characterized to be (6.0 ± 0.5) Â 10 22 m À3 and (2.9 ± 0.8) Â 10 22 m À3 in the T91 and NF616, respectively, with average diameters of 5.3 ± 2.0 nm and 6.9 ± 2.9 nm from more than three imaging locations. The limited amounts of ½<111> loops would not influence the overall statistical loop sizes and densities because they have sizes similar to the <100> loops and significantly lower densities, e.g., 5.3 Â 10 20 m
À3
in the T91 and 7.4 Â 10 20 m À3 in the NF616. The radiation-induced dislocation loops in NF616 has a~52% decrease in number density and~30% increase in size compared to the loops in T91. The variance between the two alloys at such a low dose would indicate that NF616 would approach the growth phase more rapidly compared to T91 with varying dose-temperature parameters for peak nucleation and subsequent growth between NF616 and T91. Compared to the proton-irradiated T91 and NF616 to 3 dpa at 500 C, reported with only <100> loops and plotted in Fig. 2d [11, 12] , the neutron-irradiated samples to~4.3 dpa at 469 C had smaller loops with about one order of magnitude higher number density. The loop length density (D) can be estimated using D z pdN, which yields 6.8 Â 10 14 and 9.8 Â 10 13 m À2 for the protonirradiated and (9.9 ± 3.4) Â 10 14 and (6.2 ± 3.1) Â 10 14 m À2 for the neutron-irradiated T91 and NF616, respectively. Fig. 2e shows the size-dependent loop length density, following the similar relationship between the neutron-and proton-irradiated results in Fig. 2d . The comparison indicates slightly more dislocation loops in the neutron-irradiated samples and the same trend of more dislocation loops generated in T91 than that in NF616 for both proton-and neutron-irradiated conditions.
Cavities
Cavities were only observed in the irradiated T91, which were homogenously distributed throughout the material without noticeable preferential nucleation sites. Examples of the cavities in the irradiated T91 are shown in Fig. 3 , imaged in the (121) twobeam condition near ½111 zone axis in the under-focused BF-TEM mode. Although the exact amount of under-focus was not able to be recorded from the TEM, it was expected to be about À0.5
to À1.0 mm [17] . The cavities were analyzed under these conditions and found to be 3.0 ± 1.1 nm (up to~6.8 nm) in diameter with a number density of (3.9 ± 0.6) Â 10 21 m À3 . Consequently, these cavities may result in~0.005% swelling. Compared to the 0.19% swelling in T91 irradiated to 36 dpa at 400 C in the High Flux Isotope Reactor (HFIR) [18] , the swelling in T91 of this work is reasonably smaller considering the significantly lower dpa and different reactor neutron spectra. Diligent TEM scrutiny did not reveal any visible cavities in the irradiated NF616. The observation of cavities in T91 but not in NF616 irradiated to~4.3 dpa at 469 C is qualitatively consistent with the greater swelling resistance of T92 (a tube form of NF616) than T91 irradiated with 5 MeV Fe þþ to 75e650 dpa at 460 C with 10 atom parts per million preimplanted helium [19] . The undetectable swelling of NF616 at such a low level of irradiation damage may suggest its relatively superior capability of suppressing void formation compared to T91. It may be partially attributable to the tungsten solid solution in NF616 as compared to molybdenum in T91 because the slowerdiffusing tungsten solute atoms tend to reduce vacancy diffusion as well as the higher vacancy formation energy of tungsten as suggested in Refs. [20, 21] . Further studies, especially modeling efforts, are needed to justify this hypothesis. Studies on the alloys with higher neutron irradiation damages will also help better understanding their swelling resistance and possible governing factors.
Radiation-induced segregation (RIS)
Three packet boundaries and two or three lath boundaries were characterized for each steel. Fig. 4 shows typical elemental concentration profiles across a packet boundary in the irradiated NF616 and T91. Unlike austenitic stainless steels having a significant fraction of low-energy special boundaries such as S3-predominated coincidence site lattice boundaries (CSLBs) [22] , leading to noticeable boundary-type-dependent RIS [23] , the fraction of CSLBs (excluding low-angle boundaries) in FM steels is notably lower. The characterized packet boundaries were confirmed to be not CSLBs using selected area diffraction patterns (SADP) around the boundaries coupled with boundary misorientation calculations. Compared to the pronounced Cr enrichment (~5.2 wt%) and Fe depletion (~6.0 wt%) in NF616 (Fig. 4a) , the RIS of Cr (~2.5 wt% enrichment) and Fe (~2.6 wt% depletion) in T91 was slight, somewhat impaired by the larger data scattering (Fig. 4b) . The segregation levels were compared to the normalized composition of each element assuming there is no pre-existing segregation in the unirradiated condition [24] . The other elements W, Mo, and V did not show RIS at the boundary in NF616, except for a slight enrichment of Mn by~0.18 wt%. Similarly, a slight enrichment of Mn (~0.18 wt%), together with~0.14 wt% enrichment of Si, was observed in T91, without noticeable RIS for Mo, V, and Cu. The other alloying elements were not captured by the STEM-EDS analysis, e.g., Ni signals interfered by the high Cu peak from the copper grid holding the FIB lamellae. Compared to the sharp Cr and Fe RIS peaks in NF616 with a full width at half maximum (FWHM) of~5.7 nm fitted by a single Gauss peak function, the FWHM of the Cr and Fe RIS in T91 was~9.8 nm. Other packet boundaries in T91 exhibited similar results with smaller RIS magnitudes and greater data scattering than that in NF616. In contrast, RIS at the characterized lath boundaries in both T91 and NF616 was negligible.
The results suggest generally lower RIS in T91 compared to NF616. The Cr RIS results are different from the 1.35 and 0.98 wt% Cr enrichments in T91 and NF616 after proton irradiation to 3 dpa at 500 C [13] , which is primarily attributable to the nearly 2 orders of magnitude lower dose rate of the ATR irradiation compared to proton irradiation (on the order of 10 À7 vs. 10 À5 dpa/s [13] ). The Cr RIS at packet boundaries in this work is comparable to the Cr RIS at PAGBs in NF616 (~5.1 wt%) but nearly a half lower than the Cr RIS at PAGBs in T91 (~4.9 wt%) after the same ATR irradiation [13] . It should be noted that the RIS levels presented here are referred to the normalized concentration of the detected elements. The exact matrix composition would be noticeably deviated from the initial composition because of phase evolution at lower temperatures, e.g., 7.86 wt% Cr in the calculated equilibrium matrix of NF616 after 770 C tempering compared to the initial 8.82 wt% Cr. Such a composition change level in the reference states should not much influence the enrichment or depletion magnitude of each element according to the applied analytical method. Additionally, the Cr RIS in T91 and NF616 is significantly lower than that in a model alloy (Fe-8.68Cr-0.072C-0.015O) with~7.4 ± 2.2 wt% Cr enrichment after the same ATR irradiation to 3 dpa at nominal 500 C [25] , suggesting the potential suppression effect of alloying elements on RIS in the engineered steels. Systematic RIS studies are needed to understand the discrepancy and elucidate key factors influencing the RIS in the steels.
Phase stability
To help understanding the phase components in the examined T91 and NF616, temperature-dependent equilibrium phase mole fraction was calculated using Pandat software with the recently developed OCTANT thermodynamic database [26] . The results are plotted in Fig. 5 with phase fraction in a logarithmic scale to STEM images were taken from the irradiated samples of T91 and NF616 to characterize the precipitates. Irregular-shaped Cr-rich coarse M 23 C 6 particles (up to~500 nm) at boundaries, together with a few at matrix, and globular Nb/V-rich ultrafine MX particles (up to~100 nm) at matrix and lath boundaries were observed in the irradiated T91. Similar precipitation was observed in the irradiated NF616. However, the irregular-shaped coarse M 23 C 6 particles enriched with Cr and some W were more than that in T91. Fig. 6a shows the typical distribution of precipitates in the irradiated T91 with ultrafine particles in matrix and coarse particles up tõ 200 nm in length primarily at boundaries. The inset of Fig. 6a , imaged in the high-angle annular dark-field (HAADF) mode, shows the matrix nanoprecipitates with particle length in the range of 20e40 nm. Considering the available precipitates in T91 from Fig. 5 , the HAADF contrast, closely correlated with atomic number, suggests the presence of MX particles enriched with Nb (center particles in white) and V (top and bottom particles in light-gray). Fig. 6b shows a higher magnification of two precipitates with length on the order of 130 nm, enclosed in a black box in Fig. 6a , at a lath boundary. The EDS line scan profile across the particle width schematically following the dashed arrow line in Fig. 6b is plotted in Fig. 6d . According to Fig. 5 , the EDS profile suggests the dominant (Cr,Mo,Si)-rich M 23 C 6 particle with a small V-rich particle (~30 nm) at the M 23 C 6 -matrix interface. Additionally, Si-enrichment was observed on the other side of the M 23 C 6 -matrix interface. Other than the general precipitates, in consistent with the calculated result in Fig. 5 , a globular particle in~160 nm at a triple junction as shown in Fig. 6c was rarely observed in the irradiated T91, which is primarily composed of Cr and Fe as indicated by the EDS spectrum in Fig. 6e . The chemistry and formation site of the particle is consistent with Sigma phase. However, it is difficult to form Sigma phase in T91 because of its low Cr and Mo content and lack of Sigma-phase promoters such as Si, Nb, Ti, Mn, etc. The RIS resulted in up to~11 wt% Cr at packet (this work) and~13.3 wt% Cr at PAGBs of T91 [13] . The RIS Cr enrichment level at grain edges (the lines where three grain boundaries meet [28] ) has not been studied. However, the formation of sigma phase at grain edges rather than grain boundaries may suggest a greater Cr RIS at the grain edges due to more open structure allowing higher strength of defect sink, consequently promoting Sigma phase formation. The presence of Sigma phase at grain edges rather than grain boundaries has also been observed in the thermally annealed samples [29] . Further experimental and/or modeling studies are needed to confirm and justify the presence of the phase.
Similarly, Fig. 7a shows the typical precipitates with most of them were identified to be M 23 C 6 and length up to~350 nm dispersed in the irradiated NF616. Fig. 7b and c shows examples of the fine particles at a higher magnification, which are enclosed in black boxes in Fig. 7a . The inset SADP from the boundary nanoprecipitate in Fig. 7b suggests M 23 C 6 of the particle. The EDS line scan profile across the two adjacent spherical nanoprecipitates in the matrix is shown in Fig. 7d , which suggests Cr-rich M 23 C 6 and (Nb,V)-rich MX phases of the two particles. The result indicates that M 23 C 6 also exists in matrix other than the predominant precipitation at boundaries. The (Nb,V)-rich MX particles have a size of 50e70 nm, which are larger than the initial~30e40 nm size in the unirradiated sample as well as the size of 34.9 nm reported in a P92 [30] . The coarsening of the MX particles with a ratio (current-size/ initial-size) of~1.67e1.75 after the neutron irradiation to 4.28 dpa at 469 C is somewhat consistent with the coarsening of VN particles with a ratio of~1.35e1.9 after Fe 2þ irradiation to a peak dose of~49 dpa at 500 C [31] . Compared to the thermal-aging-induced coarsening of MX particles with a ratio <1.2 at 600 C [30, 31] , it is believed that radiation-enhanced diffusivity significantly increased the coarsening of the particles assuming less coarsening for thermal aging at lower temperatures. Some approximately faceted particles slightly larger than 100 nm were observed in the matrix of the irradiated NF616. Fig. 7c shows an example of such particles with a maximum length of~150 nm. The EDS line scan profile of the particle in Fig. 7c is shown in Fig. 7e , indicating a (V,Cr)-rich shell enclosing a (Nb,V,Ti)-rich core particle. The Ti-rich core may have been transmuted from V during the irradiation or originated from the impurity in the NF616, which was not detected during chemical analysis. The enrichment of Cr in the shell suggests the initial transformation of (V,Nb)-rich MX into Z-phase of Cr(V,Nb)N by Cr diffusion from matrix to the particle-matrix interface. The particle evolution from initial spherical (V,Nb)N to faceted Z-phase is consistent with the thermal-induced MX/Z-phase transformation mechanism elaborated by Cipolla et al. [32] , suggesting radiationenhanced formation of Z-phase. Such particles with Z-phase were not observed in the irradiated T91 although about the same fraction of Z-phase in T91 and NF616 at 469 C is expected to be transformed from MX according to Fig. 5 . Detailed experimental and modeling studies on the transformation kinetics of CrVN and CrNbN types Zphase and Cr diffusivity in the two steels are needed to understand key factors influencing Z-phase formation. The driving force for Z-phase formation is highly influenced by the content of alloying elements. Fig. 8 plots the calculated results regarding the effects of increasing 50% weight fraction of individual alloying element on the driving force for Z-phase formation compared to the driving force of 1.679 kJ/mol in the T91 at 500 C. Fig. 8b shows the details for Nb, Si, Ni, Mn, and Mo in Fig. 8a . It indicates that increasing Cr and N would significantly increase, but increasing V would significantly decrease, the driving force for Zphase formation. The other alloying elements have minor effects, such as Nb slightly increase, but Mo, Mn, Ni, and Si slightly decrease the driving force. The effects of the elements on the driving force for Z-phase formation at 469 C would be similar to that at 500 C. The higher Cr and lower V content in the NF616, compared to the T91, increased the driving force for Z-phase formation to 1.785 kJ/mol, which would have favored the formation of Z-phase in the NF616. The formation kinetics of Z-phase is very slow under thermal condition, which needs more than~60,000 h at 469 C according to the time-temperature-precipitation map of 9Cr steels [33] . The formation of Z-phase in the NF616 irradiated to 4.28 dpa, which took~7440 h at 469 C, suggests that the irradiation significantly enhanced the phase transformation into Z-phase by the enhanced Cr diffusion from ferritic matrix to MX.
The presence of Laves phase is suggested in Fig. 5 , with 0.007 and 0.017 mol fractions at 469 C in T91 and NF616, respectively. Laves phase is expected to preferentially nucleate at locations with enrichment of Mo, W, Cr, and Si, e.g., M 23 C 6 as a favorite nucleation site. Boundaries with Cr enrichment and negligible RIS of Mo and W, as shown in Fig. 4 , could not serve as nucleation sites of Laves phase. HAADF images, coupled with EDS analysis, did not reveal any particles containing enough Mo or W content in favor of Fe 2 Mo or Fe 2 W type of Laves phase in the irradiated T91 or NF616. It is difficult to detect such a small fraction of Laves phase in T91 (0.007 mol fraction) at 469 C, similar to the undetected Cu precipitates (0.001 mol fraction) in the irradiated T91. Additionally, both TEM and small angle neutron scattering did not reveal Laves phase in T91 irradiated in the Fast Flux Test Reactor Facility up to 184 dpa at 413 C (for about 6 years) [6] , despite the expected 0.009 mol fraction of Laves phase. A HFIR-irradiation study on T91 at 300 to 600 C for up to 39 dpa did not reveal Laves phase, but did show Laves phase in the parallel thermal aging study, which suggested radiation-retarded formation of Laves phase [34] . Unlike the low fraction in T91, it is strange for the unobserved Laves phase in the irradiated NF616. Type Fe 2 W Laves phase formation was noticed in a ferritic steel with 1.4 wt% W (0.009 mol fraction of Fe 2 W in equilibrium at 500 C) after Fe 2þ irradiation to~20 dpa at 500 C with a dose rate of~2 Â 10 À4 dpa/s [35] . The Fe 2þ irradiation took~27.8 h, about one order of magnitude less than the time required to form Laves phase under thermal condition at the same temperature, suggests radiation-enhanced formation of Laves phase. The three orders of magnitude lower dose rate in the ATR irradiation may have retarded the formation of Laves phase in the NF616. Additionally, the lower Si content in NF616 may have retarded the Laves phase formation [36] . Further investigation is needed to understand Laves phase stability under irradiation.
Hardening
Nanoindentation tests yielded hardness of 4.93 ± 0.28 GPa for the irradiated T91, which is~33.6% hardening from the unirradiated condition of 3.69 ± 0.18 GPa. In comparison, the irradiated NF616 exhibited slightly lower hardening of~31.7% to 5.03 ± 0.07 GPa from 3.82 ± 0.17 GPa of the unirradiated condition. The dislocation loops and cavities are the primary hardening elements identified in this work. According to the dispersed barrier-hardening model, the changes in yield strength induced by each type of obstacles can be estimated by Ds y z Mamb√(Nd), where M, a, m, b, N and d are the Taylor factor (¼ 2.9 for body-centered-cubic structure), strength factor [37] , shear modulus (¼ 80.8 GPa at room temperature), magnitude of Burger's vector (¼ 0.25 nm), obstacle density and diameter, respectively. Table 1 lists the Ds y calculated from each type of obstacles. The overall Ds y in the irradiated T91 was calculated to be 426 MPa by the root-sum-square law because of their relatively similar hardening levels between the loops and cavities.
The overall Ds y is converted to equivalent hardening in Vickers hardness (DH V ) according to DH V z 9.8Ds y /3.06 MPa [38] . The DH V is expected to be approximately equal to the measured hardening DH B using the Berkovich tip because the indentation tests had a ratio of~0.88 between the residual indentation depth after unloading and the indentation at the maximum load [39] .
The results in Table 2 suggests good agreement between the microstructure-deduced hardening and the measured hardening in the irradiated T91 and NF616. The microstructure-deduced hardening is within the upper and lower bounds of the measured hardening in the T91 and NF616, respectively. Small amounts of ½<111> loops were included in the overall loop density of this calculation, which tended to slightly overestimate the hardening from loops because ½<111> loops are glissile compared to sessile <100> loops, which were also discussed in Refs. [16, 40] . The lower microstructure-deduced hardening in the NF616 may suggest the presence of other secondary hardening factors. The MX/Z-phase transformation was still in a developing stage in the irradiated NF616, which is expected to increase particle size without changing its density. The partial phase transformation, with increased particles size for greater strength factor and consequently greater Ds y [37] , would be a hardening factor of the irradiated NF616. Additionally, some ultrafine or undetected obstacles such as small vacancy clusters, which may have been neglected during the microstructural characterization, may provide a small contribution to the hardening. Compared to the 420 and 375 MPa increases of Ds y in the T91 and NF616, respectively, irradiated in the ATR to 6.5 dpa at 295 C [9] , the irradiation to~4.3 dpa at 469 C resulted in comparable hardening with the same trend of slightly lower hardening in NF616 than that in T91.
Conclusion
Samples of T91 and NF616 irradiated in the ATR to~4.3 dpa at 469 C were characterized by TEM, EDS, and nanoindentation. In general, a significant difference between the irradiated microstructures of T91 and NF616 was not observed after this level of irradiation.
Radiation did not result in changes in the overall tempered martensitic structure, but induced significant amounts of dislocation loops. The T91 contains more loops with slightly smaller sizes and a larger number density compared to the NF616. Some sub-10 nm cavities were only observed in the T91, which are expected to result in a small swelling of~0.005%. Compared to NF616 with 5.2 wt% Cr enrichment,~6.0 wt% Fe depletion, and~0.18 wt% Mn enrichment, T91 had smaller Cr and Fe RIS and similar Mn RIS, together with 0.14 wt% enrichment of Si, at packet boundaries, which is partially consistent with literature reports. The preexisting M 23 C 6 did not show changes after the irradiation. However, a new phase, which may be a Sigma phase according to its chemistry, was observed in the T91. Additionally, radiationenhanced MX/Z phase transformation was observed in some particles in the NF616. Laves and other phases were not observed in the samples. Compared to the literature proton-irradiated results, the ATR irradiation with a lower dose rate intended to retard Laves phase formation, enhance RIS of Cr, and introduce slightly more or comparable dislocation loops. The nanoindentation measurements indicated slightly higher radiation-hardening in the T91 (~33.6%) compared to the NF616 (~31.7%). The calculated hardening in the T91 according to the characterized microstructural elements using the dispersed barrier-hardening model agrees well with the nanoindentation measured increase in hardness, suggesting the primarily radiationhardening from the loops, together with a small contribution from the cavities. The same microstructural calculation yielded lower hardening than the measured value in the NF616, which suggest the presence of some other hardening factors or elements.
